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AI-Fe alloys with Fe contents ranging from 5 to 12 wt% are produced by a double mechanical 
alloying process (DMA) which consists of a first step of mechanical alloying (MA1) applied 
to elemental AI and Fe powders, with subsequent heat treatment of MA1 powders to promote 
the formation of AI-Fe intermetallic phases, and a second mechanical alloying step (MA2) to 
refine the intermetallic phase, and consolidation of the produced powders by combination of 
degassing and hot extrusion. The effect of Fe content on the process, as well as on the 
mechanical properties of the extruded alloys, has been extensively studied. The alloys 
produced by this process show excellent tensile strength and stiffness at room and elevated 
temperatures due to the strengthening of AI by intermetallics, as well as to the stabilization of 
the structure by inert dispersoids. 

1. In troduc t ion  
A1 alloys have been widely used in the engineering 
industry because of their attractive properties, such as 
light weight, high ductility, corrosion resistance and 
toughness. However, the conventional A1 alloys have 
very poor strength and stiffness at elevated temper- 
atures compared to steel and nickel alloys. Their 
applications are often restricted to the low temper- 
atures. Therefore, there has been a strong demand for 
the development of new A1 alloys with improved 
elevated temperatures stability. 

Rapid solidification processes (RSP) have been used 
as a technique for the production of high temperature 
Al alloys since the 1970s. Among the systems of 
interest, binary A1 Fe and A1-Fe based alloys with 
additions of transition elements, or some rare earth 
elements, via RSP have been extensively studied in the 
past [1 7]. In the rapid solidification process, ex- 
tended solid solubility of Fe in A1 up to 8.4 wt % can 
be obtained by suppressing the equilibrium cooling 
reaction. This results in a final product containing a 
high volume fraction of precipitate intermetallics with 
a size of about 1 gm. Possible application temper- 
atures of A1-Fe based alloys have been reported up to 
315 ~ However, the properties of these RSP A1-Fe 
alloys decrease drastically at higher temperatures due 
to rapid coarsening of intermetallic phases. 

Since mechanical alloying (MA) was invented by 
J. S. Benjamin in the 1960s, it soon became an altern- 
ative technique for fabrication of high temperature A1 
alloys. In an MA process, elemental powders or pre- 
alloyed powders are subjected to mechanical grinding 
(ball milling) in order to produce composite powders 
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with controlled microstructures [8]. In the case of A1 
alloys, inert dispersoids, such as A120 3 and A14C3 are 
formed during MA. These inert dispersoids, mainly 
situated at the grain boundaries, can stabilize micro- 
structures at elevated temperatures [9]. A good com- 
bination of strength, stiffness and structural stability 
at elevated temperatures has been obtained in MA 
A1-Ti, MA A1 Fe and A1-Mn alloys [9-11]. In addi- 
tion, mechanical alloying also offers an elegant possib- 
ility to produce nanocrystalline and amorphous 
A1-Fe materials [-12, 13]. An extension of the solubil- 
ity limit of Fe in A1, which is far beyond those levels 
obtained by the rapid solidification technique, is also 
achieved by MA [14]. 

Intermetallic phases, such as A13Ti, A16Mn and 
AIIaFe 4 are hardly formed by direct MA. These inter- 
metallics are usually formed in subsequent thermal 
processes. As shown in a previous work [15], the 
distribution of these intermetallics in the final product 
is not uniform after a single MA step. The size of 
intermetallic phases ranges from 1 to 10 gm. As a 
result, the alloys show relatively low mechanical prop- 
erties. In order to modify the distribution of inter- 
metallics, a new technique, namely double mechanical 
alloying (DMA), has been developed [16_] and has 
been used to fabricate high temperature A1 Fe alloys 
[15, 17]. In the DMA technique, there are three main 
steps: 

1. First, a mechanical alloying stage applied to 
elemental powders (called MA1 hereafter), followed by 
heat treatment of MA1 powders; 

2. second, a mechanical alloying stage of heat trea- 
ted powders (called MA2 hereafter); and 
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3. further consolidation of the powders produced 
by a combination of degassing and hot extrusion. 
In the present work, A1 Fe alloys with Fe contents 
ranging from 5 to 12 wt % Fe are produced by the 
DMA technique. The effect of Fe content on the 
behaviour of MA, as well as on the mechanical prop- 
erties of A1 Fe alloys, is studied with the aim of 
evaluating them for high temperature applications. 

2. Experimental procedure 
The composition of the material studied is A1-5% Fe, 
A1-8% Fe, AI-10%Fe and A1-12% Fe (all weight 
per cent). Elemental water atomized A1 and carbonyl 
Fe powders are ground in a planetary ball mill 
(Fritsch Pulverisette 5) with an organic additive which 
acts as a process control agent (PCA). The mean size 
of the powders is 110 gm for A1 and 4 gm for Fe. Both 
the grinding balls and the vial of the ball mill are made 
of hardened chromium steel. The weight ratio of the 
grinding ball to the powder is 10:1. The loading of the 
powder is done in air atmosphere. Fig. 1 shows the 
flow sheet of mechanical alloying with two possible 
routes of single mechanical alloying (SMA) and 
double mechanical alloying (DMA). In the present 
work, the process for each stage has been optimized. 
The elemental powders are first mechanical alloyed 
(MA1) for 6 h. The MA1 powders are then heat trea- 
ted for 5 h at 550 ~ in argon to form intermetallic 
phases. After this treatment, the powders are again 
mechanically alloyed (MA2) for 6 h. After each stage 
of processing, microhardness and size, as well as the 
density of MA powders, are determined in order to 
study the influence of Fe content on the powder 
properties. Consolidation of MA powders involves 
cold compaction, encapsulation in an Al-altoy can, 
vacuum degassing (1 h, 550~ and hot extrusion 
(extrusion ratio, 1 : 20; extrusion temperature, 430 ~ 
The mean size of powders is determined with a laser 
diffractometer (Coulter LS-100), and microhardness is 
measured with a Leitz hardness tester under 10 g load. 
The density of the powders is determined with a gas 
pycnometer. Formation of intermetallic phases is ana- 
lysed by X-ray diffraction {XRD) with a Cu source, 
and by differential scanning calorimetry (DSC). 
Microstructures of the powders and the extruded 
materials are studied by light optical microscopy 
(LOM), by scanning electron microscopy (SEM) and 
by transmission electron microscopy (TEM). Both 
SEM and TEM are equipped with a Tracor energy 
dispersive X-ray analyser (EDX). The hardness (HRB) 

of the extruded alloys is measured with a Rockwell 
hardness tester under a 100 Kg load. The tensile prop- 
erties of the extruded alloys are determined at room 
and elevated temperatures (up to 400 ~ 

3. R e s u l t s  
3.1. P o w d e r  p rocess ing  
Fig. 2 shows the variation in microhardness as a 
function of Fe content. The microhardness of powders 
after MA1 does not change very much with increasing 
Fe content, indicating that the effect of Fe content on 
microhardness is slight. Heat treatment of MA1 pow- 
ders slightly reduces the microhardness (about 13% 
reduction) due to a partial release of cold work energy 
and to the formation of the coarse intermetallics, 
AI~3Fe 4. After MA2, a further increase of micro- 
hardness is obtained by refinement of intermetallic 
phases and strain hardening. Unlike those of MAI 
powders, increasing Fe content results in an increased 
microhardness due to an increasing amount of inter- 
metallics. Fig. 3 shows the variation of powder size as 
a function of Fe content. It is seen that the mean size of 
both MA1 and MA2 powders decreases with increas- 
ing Fe content. This behaviour is probably due to the 
high amount of Fe in the MA1 powder or to inter- 
metallic phases in the MA2 powder delaying the 
tendency of particle welding during milling and res- 
ulting in a decreased size. Fig. 4 shows the variation of 
powder density as a function of Fe content. For 
comparison, the theoretical values calculated from the 
rule of mixture (ROM) are also plotted in Fig. 4. The 
density values for the MA1 powder is calculated based 
on the density of Fe and A1, while those of the MA2 
powder are based on the density of A113Fe4 and A1. It 
is seen that the density for both MA1 and MA2 
powders increases with increasing Fe content, whereas 
much higher density is obtained for the MA2 powder. 
However, the measured density is still lower than the 
theoretical density for both MA1 and MA2 powders. 

Evolution of the microstructures after different pro- 
cessing stages is shown in Fig. 5. Based on energy 
dispersive X-ray (EDX) and X-ray diffraction (XRD) 
analysis, the microstructure of the powders can be 
characterized as follows. In MA1 powders (Fig. 5a), 
the A1 matrix contains a dispersion of pure Fe par- 
ticles with a typical size of about 4 gm and very fine 
particles ( < 1 ~tm). During subsequent heat treatment, 
rather coarse intermetallics, Al13Fe 4 (5-10 gm) and 
fine intermetallics are formed in situ (Fig. 5c). After 

DMA route 

Heat treatment I I 

Elemental powders, ~ . ~  Extrusion ] 
AI, Fe ............................. 

SMA route 
Degassing ] ~ [  

. . . . . . . . . .  , rq r  

Figure 1 Flow sheet of the mechanical alloying process with two possible routes: ( . . . . .  ) SMA (single mechanical alloying) with one 
mechanical alloying step (MA1); ( ) DMA (double mechanical alloying) with two mechanical alloying steps (MA1 and MA2). 
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Figure 2 Variation of microhardness with Fe content. MA1, after 
the first step of mechanical alloying; MA2, after the second step of 
mechanical alloying. 
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Figure 3 Variation of powder size with Fe content. MA1, after the 
first step of mechanical alloying; MA2, after the second step of 
mechanical alloying. 
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Figure 4 Variation of powder density with Fe content. MA1, after 
the first step of mechanical alloying; MA2, after the second step of 
mechanical alloying; MAI(ROM), theoretical value calculated from 
the rule of mixture based on the density of Fe and AI; MA2 (ROM), 
theoretical value calculated from the rule of mixture based on the 
density of AllaFe 4 and A1. 
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Figure 5 Light optical micrograph of mechanically alloyed powders 
with X-ray diffraction spectra after different stages: (a, b) MA1 
powder, showing the distribution of Fe particles in the A1 matrix 
after the first step of mechanical alloying (Fe cannot be identified in 
the X-ray diffraction spectrum due to the overlap of peaks between 
A1 and Fe); (c, d) heat-treated powder, showing the formation of the 
intermetallic phase (A113Fe~) after heat treatment; and (e, f) MA2 
powder, showing the distribution of refined intermetallics after the 
second step of mechanical alloying. 
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ated based on Kissinger's theory [18]. The variation 
of the maximum peak temperature, Tin, as a function 
of heating rate, q~, is given by 

dln(~/T2m) E 

d(1/Tm) R 

where E is the activation energy and R is the gas 
constant. By plotting In (O)/TZm) as a function of 1/Tm, a 
linear relationship has been obtained, if measured at 
different heating rates. This indicates that the reaction 
between A1 and Fe is kinetically of the first-order. For  
powders containing 5-12 wt % Fe, the activation en- 
ergy for the formation of All3Fe 4 comprises between 
194 and 201 k Jmo l -  L 
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MA2, the matrix contains a fine microstructure with a 
homogeneous dis t r ibut ion of intermetallic phases 
(Fig. 5e). 

As shown in Fig. 5, the intermetallic phases are thus 
formed during heat treatment of MA1 powder. The 
kinetics of the reaction between A1 and Fe in the MA1 
powder has been studied by differential scanning cal- 
orimetry (DSC). The reaction order and activation 
energy for formation of intermetallics can be evalu- 

3.2. M i c r o s t r u c t u r e  of  the  e x t r u d e d  a l l oys  
After powder processing, the produced powders were 
subjected to consolidation by degassing and hot ex- 
trusion. Fig. 6 shows the SEM microstructure of the 
extruded A1 Fe alloys. It is seen that the intermetallic 
particles (Al13Fe4) are finely distributed in the A1 
matrix. The size of most intermetallics ranges from 0.1 
to 0.6 gm. Some large intermetallic particles with a 
size up to 2 gm are present in alloys containing high 
contents of Fe. 

TEM microstructure of the extruded A1-Fe alloy 
shows the details of the A113Fe 4 phase and A1 sub- 
grains (Fig. 7). The extruded alloys have a fine micro- 
structure. The.subgrain size of A1 ranges from 0.1 to 
0.5 pm. The A113Fe4 phase has a monoclinic structure, 
with crystal parameters [19] a = 1.5489, b = 0.8083, 
c = 1.2476 nm and ]3 = 107.71 ~ AIIaFe4 often shows 
a pronounced stacking fault [20]. In the diffraction 
pattern (Fig. 7), faulting is observed in the [0 1 0] 
orientation. The line along the 00 1 row may be 
caused by stacking faults on the (00 1) plane. Faulting 
is also observed in other orientations, for example in 
the [1 1 0]. Aside from that, Al13Fe 4 crystals are also 
frequently observed to be twinned [20]. 

Mechanical alloying also induces the development 
of fine scale inert dispersoids, such as A14C 3 and 
A1/O 3. The size of these inert dispersoids is about 
30-40nm.  T h e y  are distributed within the matrix, 
subgrain boundaries or sometimes at the matr ix-  
intermetallic interface. 

3.3. M e c h a n i c a l  p rope r t i e s  
Mechanical properties of the SMA and DMA A1-5% 
Fe alloys are summarized in Table I. Fig. 8a-c  shows 
ultimate tensile strength (UTS), E modulus, and 
elongation as a function of test temperatures and Fe 
content for the DMA A1-Fe alloys. 

The tensile strength and E modulus of A1-5% Fe 
alloys have been improved significantly by the DMA 
process (Table I). There is about 100 MPa increase in 
UTS at room temperature and about 40 MPa increase 
at 400 ~ The fact that the stiffness (E modulus) of the 
alloy is improved markedly by the DMA process is of 
particular interest (from 62 GPa  for the SMA A1- 
5% Fe to 81 GPa  for the DMA A1-5% Fe). The im- 
proved tensile strength and stiffness can be attributed 
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Figure 6 SEM microstructure of the extruded A1 Fe alloys showing 
the distribution of intermetallic phase AlI3Fe4: (a) A1-5% Fe, (b) 
A1-8% Fe, and (c) A1 12% Fe. 

to the homogeneous distribution of intermetallics in 
the A1 matrix by DMA [15]. But, the ductility of the 
alloy is reduced. 

The D M A  A1-Fe alloys show a good strength at the 
temperatures studied (Fig. 8a): more than 450 MPa  for 
UTS and more than 380 MPa  for YS are obtained at 
room temperature. A high level of strength is also 
maintained at elevated temperatures: more than 
180 MPa  for both UTS and YS are obtained at 400 ~ 
It is seen that the Fe content does influence the tensile 
strength. The strength increases with Fe up to 10 wt % 
(the maximum strength reaches about 570 MPa). Fur- 
ther increase of Fe to 12 wt % will reduce UTS. At 
400~ the effect of Fe on the strength is less pro- 
nounced. 

Figure 7 TEM microstructure of the extruded AI-Fe alloy showing (a) the details of A113 Fe4 intermetallic phase and A1 subgrains, and (b) the 
diffraction pattern of AI13Fe 4 in the [0 10] orientation. 
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The  DMA A1 Fe alloys also show an elevated 
stiffness (E-modulus) at room temperature as well as 
at high temperatures. The measured E-modulus ran- 
ges from 81 GPa  (5 wt % Fe) till 96 GPa  (12 wt % Fe) 
at room temperature, and about 50 GPa  at 400~ 
Furthermore, the E modulus increases almost linearly 
with Fe content. As usual, the E modulus decreases 
with increasing test temperatures. 

The DMA A1-Fe alloys have low ductility. The 
ductility of the A1-Fe alloys are strongly dependent on 
the Fe content. Elongation decreases with increasing 
Fe content and test temperatures. At room temper- 
ature, the elongation is less than 4%. At 400 ~ the 
elongation is less than 1%. 
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Figure 8 Mechanical properties of the extruded A1-Fe alloys as 
a function of Fe content: (a) ultimate tensile strength (UTS), (b) 
E modulus and (c) elongation. 

4. Discussion 
4.1. Powder processing and formation of 

intermetallics and inert dispersoids 
Mechanical alloying is a process in which repeated 
fracturing and welding of powders occur throughout 
the process. The size and microhardness, as well as 
morphology of the powders, are strongly influenced 
by the duration of the MA. This behaviour has been 
revealed in detail elsewhere [15, 17]. In the present 
work, the effect of Fe on the behaviour of DMA has 
been investigated. Except for the microhardness of the 
MA1 powder, microhardness and density of MA pow- 
ders increase, while the size of MA powders decreases 
with increasing Fe content. This behaviour can be 
attributed to the increased amount of intermetallic 
phases. It has also been observed during the measure- 
ment of DSC, that the intensity of the exothermic peak 
for the formation of Al13Fe4 increases with increasing 
Fe content, and that the released thermal energy 
(integral of the peak) also increases. This indicates that 
more intermetatlics are formed with increasing Fe 
content. With Fe from 5 to 12 wt %, the estimated 
volume fraction of intermetallics ranges from about 9 
to 23 vol %. 

In a detailed study of the reaction between A1 and 
Fe in MA A1-25 wt % Fe, it was revealed that a 
metastable phase, A16Fe, was formed prior to the 
formation of the equilibrium phase Al13Fe 4 during 

TABLE I Mechanical properties of SMA and DMA A1-5% Fe alloys 

Alloy Test temperature (~ GUT s (MPa) or0.2 (MPa) E (GPa) 6 (%) HRB 

25 34!0 302.0 62.0 8.80 5:5 
SMA AI-5%Fe 200 257,0 242.0 49.0 4.60 

300 222.0 208.0 36.2 4.60 
400 144.0 144.0 33.0 2.70 

25 454.0 381.0 81.0 3.60 79 
DMA A1-5% Fe 200 347.0 316.0 66.6 2.80 

300 264.3 250.0 56.0 3.00 
400 186.3 182.3 47.0 0.88 
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heating of the powders [16]. This metastable phase is 
also observed in the present work by XRD measure- 
ment of MA1 powders at 320~ With increasing 
annealing temperature, this metastable phase is even- 
tually transformed into the equilibrium phase, 
Al13Fe4. From Kissinger's approach, the activation 
energy for formation of the Al13Fe 4 phase obtained in 
the present work ranges from 194 to 201 kJmo1-1 
This value is similar to the activation energy for Fe 
tracer diffusion in A1 (193 256 kJ mol -  1) [-21], sugges- 
ting that formation af the A1-Fe intermetallic phase is 
controlled by diffusion of Fe through the A1 matrix. 

The presence of fine scale inert dispersoids (AI4C 3 
and A1203) in the alloys developed in the present work 
is the key to improved high temperature properties. 
A14C 3 is formed from the carbon introduced through 
the PCA. The total content of carbon is about 
2.3 wt % after processing. In the course of heat treat- 
ment and consolidation, carbon transforms into 
A14C3. The volume content is estimated to be about 
9 vol %. Oxygen is also introduced by the PCA, by the 
natural oxide layer surrounding the A1 powder, and by 
the air induced in the mill. The content of oxygen is 
about 1 wt % after milling. The volume content of 
A120 3 reaches about 2vo1%.  Altogether, about 
11 vol % of the inert dispersoids, with a size about 
30-40 nm, are finally distributed in the alloy. 

4 .2 .  S t r e n g t h  and  s tab i l i ty  
The alloys show an elevated tensile strength both at 
room temperature and at high temperatures. This 
improved strength can be virtually attributed to 
strengthening by intermetallic phases. However, a lin- 
ear relationship between tensile strength and the vol- 
ume fraction of intermetallics is not observed in the 
present work. A further increase in the content of 
intermetallics from about 18-23 vo l% (from 10 to 
12 wt % Fe) reduces the tensile strength (from 572 to 
520 MPa as shown in Fig. 8a). The material also 
shows very low ductility. Based on this result, it can be 
concluded that the Fe content should be less than 
10 wt %, which corresponds to the volume fraction of 
intermetallics, i.e. about 18%. The actual Fe content 
depends on the applications. 

The long term stability is evaluated by a tensile test 
of the A1-5% Fe alloy after 100 h exposure at 150, 250 
and 350 ~ The tensile test is carried out at the same 
temperature. Fig. 9 shows a comparison of tensile 
strength between as-extruded and annealed alloys. It 
is seen that long term annealing does not reduce the 
strength level, proving that the alloys exhibit good 
thermal stability. Although the size of intermetallics in 
the alloys developed in the present work (0.1-0.6 I.tm) 
is larger than the size in rapidly solidified A1-Fe alloys 
(0.02-0.4 ~tm) [22], the coarsening of the intermetallics 
during long term exposure at high temperatures was 
found to be inhibited in the DMA A1-Fe alloys. The 
presence of fine scale inert dispersoids in the MA 
alloys are considered to hold the key to enhanced 
microstructual stability. These dispersoids at the 
matrix-intermetallics interface may act as a barrier to 
diffusion of Fe, which is necessary for coarsening [23-], 
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and dispersoids at subgrain boundaries may also act 
either to pin the subgrain boundaries or further to 
inhibit diffusion along the boundaries. In fact, even 
after 100 h exposure at temperatures up to 500~ 
there is no drastic change in the microstructure of 
DMA A1-Fe alloys, except for a slight coarsening of 
some intermetallics. The subgrain size of A1 is still 
<~ 0.5 I~m. In order to evaluate the mechanical prop- 

erties of MA A1-Fe alloys, the tensile strength of MA 
A1-8% Fe alloy is compared to those of RSP A1-Fe 
alloys [3, 22] (Fig. 10). As seen from this graph, the 
MA alloy has superior tensile strength to RSP alloys, 
particularly at elevated temperatures. High temper- 
ature strength and good thermal stability of the DMA 
A1 8% Fe alloy can be attributed to the presence of 
fine scale inert dispersoids which stabilize the stri~c- 
ture at high temperatures. This is an important differ- 
ence between MA alloys and RSP alloys. The coarse- 
ning of intermetallic phases in rapidly solidified A1 
alloys which are absent from the fine scale inert 
dispersoids is a main reason for the reduced high 
temperature properties [-23]. 
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Figure 10 Comparison of the tensile strength at various temper- 
atures between mechanically alloyed A1-8% Fe alloy and rapidly 
solidified A1-Fe alloys [3, 223. 



4.3. Stiffness 
Fe is commonly considered as an impurity in conven- 
tional A1 alloys. In the present work, addition of Fe 
generates intermetallic phases stable at high temper- 
atures and with a high stiffness (E modulus); they 
should act as dispersoids and strengthen the A1 alloys. 
As seen before, the stable intermetallic phase formed 
in the alloys is Al13Fe 4. The All3Fe ~ phase has a higher 
E modulus, 130 GPa [24] compared with that of A1 
(66-70 GPa). Therefore, the stiffness of A1 alloys is 
expected to be improved by incorporation of such 
intermetallics. An elevated E modulus is indeed ob- 
tained in the alloys developed in the present work. The 
measured E modulus increases with increasing volume 
fraction of intermetallics. When the volume fraction of 
intermetallies varies from 9 to 23 %, the values of the E 
modulus at room temperature range from 8t to 
96 GPa. Compared to RSP A1-8% Fe alloy [1], MA 
A1-8% Fe alloy also shows superior stiffness at both 
room temperature and elevated temperatures. 

In order to evaluate the stiffness of MA A1-Fe 
alloys, the experimental values are compared with the 
theoretical values calculated from the theory of lower 
and upper bounds (LB and UB) [25], and the model of 
Dudzinski [26] says that E modulus of A1 increases 
linearly with Fe content by 1.58 GPa per wt % Fe. 
The results are summarized in Fig. 11. It is seen that 
the measured E modulus of MA A1-Fe alloys is higher 
than the theoretical values. This excess value may 
result from inert dispersoids (AI20 3 and A14C3). The 
volume fraction of inert dispersoids in' MA A1-Fe 
alloys is estimated to be about 11 vol %. By com- 
parison between SMA and DMA (Table I), it was 
shown that the stiffness of the alloys can be effectively 
improved by modifying the distribution of intermetal- 
lic particles through a DMA process. 

4.4. Ductility 
The main disadvantage of MA A1-Fe alloys is their 
low ductility. In the present work, elongation of MA 
A1-Fe alloys is less than 4% at room temperature and 
less than 1% at 400 ~ The reason for the low ductil- 
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Figure 11 Comparsion of the measured E-modulus with the theor- 
etical Fe values: (UB) upper bounds, (LB) lower bounds. 

ity of MA A1 alloys has been explained elsewhere [15, 
173. First of all the presence of a high volume fraction 
of hard intermetallic particles limits plastic deforma- 
tion during the tensile test, causing formation of 
cracks at the interface between the intermetallic par- 
ticles and the matrix. This has been observed by 
examination of the microstructure of the fractured 
subsurface. Second, inert dispersoids situated at the 
subgrain boundary can also serve as sites for nucle- 
ation of cavities, also reducing the ductility. Finally, 
high strain hardening in the MA2 powder is also 
responsible for the low ductility of the extruded alloys. 
Therefore, strengthening of A1 with a high content of 
intermetallics and inert dispersoids is gained at the 
expense of ductility. 

5. C o n c l u s i o n s  
AI-Fe alloys with Fe ranging from 5 to 12 wt %, are 
produced by using a double mechanical alloying pro- 
cess (DMA), containing a first step of mechanical 
alloying with subsequent heat treatment, a second step 
of mechanical alloying, and consolidation of the pow- 
ders involving degassing and hot extrusion. 

The behaviour of mechanical alloying and micro- 
structural evolution during the process have been 
extensively studied. The powder after the first mechan- 
ical alloying stage contains Fe particles embedded in 
the AI matrix. Intermetallic phase Al13Fe4, with a size 
ranging from 5 to 10 Ixm, is formed by subsequent heat 
treatment at high temperatures. Powder containing a 
fine distribution of intermetallic particles is obtained 
by the second mechanical alloying stage. The powder 
properties, such as microhardness, density and size, 
show a dependence on Fe content during processing. 
This effect is mainly shown in the second step of 
mechanical alloying. With increasing Fe content, 
microhardness and density increase, whereas the size 
decreases due to an increasing content of intermetal- 
lics in the powders. 

Compared to single mechanical alloying (SMA), 
double mechanical alloying (DMA) results in a good 
combination of strength, stiffness and thermal stabil- 
ity. The extruded alloys show good strength and 
stiffness at room temperature as well as at elevated 
temperatures. The effect of Fe content on the mechan- 
ical properties exhibits different behaviours. At room 
temperature, the tensile strength increases initially 
with Fe content, whereas at much higher Fe 
( > 10 wt %) the strength will decrease. The stiffness of 
the alloys increases almost linearly with Fe content. At 
high temperatures, the effect of Fe on the tensile 
strength as well as on the stiffness is not significant. 
The ductility of the material decreases strongly with 
increasing Fe content and test temperatures. A high 
Fe content causes rather low ductility. Based on the 
results, the optimized Fe content in DMA A1-Fe 
alloys should not exceed 10 wt %. 

Improved strength and stiffness at elevated temper- 
atures compared to rapidly solidified alloys are due to 
the presence of fine scale inert dispersoids (A14C 3 and 
AlzO3) which stabilize the structures at high temper- 
atures. 
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